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Introduction
Ultrafine-grained (UFG) materials and bulk nanostructured materials (BNM) having ultrafine to true nanometer grains can be fabricated by severe plastic deformation (SPD) which is a promising technique for achieving grain refinement in bulk metals and alloys [1] .
Among the various available SPD techniques, high-pressure torsion (HPT) provides the potential for achieving true nanostructures [2] . In this procedure, a disk is strained under a high compressive pressure with concurrent torsional straining and the processing is usually conducted at room temperature (RT) [3] . The processed metals generally demonstrate an enhancement of the physical and mechanical characteristics through significant grain refinement and the intensive introduction of point and line defects. Recent reviews described the importance of the different types of defects produced though SPD processing and the superior properties that may be achieved in UFG materials [4, 5] .
It is well established that the grain size is an exceptionally important structural parameter in polycrystalline metals. In practice, at low or ambient temperatures, typically at temperatures of <0.5T m where T m is the absolute melting temperature, the measured yield stress, σ y , varies with the grain size, d, through the Hall-Petch relationship which is given by [6, 7] 
where σ o and k y are the friction stress and a yielding constant, respectively. It follows from eq (1) that a reduction in grain size leads to a major increase in the overall strength of the material and thus SPD processing is a promising technique especially for light-weight structural materials where a specific strength is indispensable [8] . The situation at elevated temperatures is different because, if the very small grain sizes introduced by SPD processing are reasonably stable at high temperatures, there is a potential for achieving significant grain boundary sliding and high superplastic ductilities [9] . The present study was initiated to examine the evolution in microstructure and mechanical properties, especially in hardness and the high temperature tensile properties, in an Al-3% Mg alloy processed by HPT at RT. Special emphasis was placed on evaluating the importance of strengthening through grain refinement by considering the contributions from other possible mechanisms for simple solid solution alloys such as solution strengthening and precipitation hardening. In addition, the tensile testing results were analyzed to evaluate the dominant deformation mechanism for the Al-Mg alloy after HPT when testing at a high temperature.
Experimental material and procedures
The experiments were conducted using an Al-3% Mg alloy containing small amounts (<0.003%) of Si and Fe impurities. The alloy was supplied as billets with diameters of 10 mm and lengths of ~65 mm and these billets were annealed at 773 K for 1 hour to give an average grain size of ~830 µm. A billet was cut into disks with ~1 mm thicknesses and each disk was carefully ground to have a final thickness of ~0.83 mm. The disks were then processed by HPT at RT under quasi-constrained conditions [10] using a compressive pressure of 6.0 GPa and a rotation speed of 1 rpm following the conventional procedure described elsewhere [11] . Thus, a set of disks was processed by only compression and also with compression and concurrent torsion to have total rotations, N, of 1/4, 1/2, 1, 5 and 10 turns.
The surfaces of the processed disks were polished with abrasive papers and then further polished with diamond paste on cloths to achieve mirror-like appearances. The Vickers microhardness value, Hv, was measured along the diameters on the polished disk surfaces after HPT using a Shimadzu HMV-2E microhardness tester with a load of 100 gf and a dwelling time of 10 s. In practice, following the procedure described earlier [11] , the M A N U S C R I P T
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3 hardness variation was examined along the disk diameter with a constant separation of 0.3 mm on each processed disk.
The crystallographic evolution was examined by X-ray diffraction (XRD) analysis using a Rigaku UltimaIV XRD with a radiation of Cu Kα at a scanning speed of 2° per min and 0.01° intervals. As demonstrated earlier, it is common to have large microstructural and texture differences between the center and edge regions of the disks after HPT [12] and therefore a small hole with a diameter of 3 mm was punched in the center of each repolished disk after hardness testing in order to evaluate the crystallographic characteristics only from the region that was well-deformed by torsional straining in each processed disk. The values of the lattice parameter, a, dislocation density, ρ, and mean crystallite size, <x> area , were determined from the XRD patterns for the as-annealed alloy prior to HPT and at the edge regions of the disks processed by HPT. These calculations used an XRD data analysis software, Materials Analysis Using Diffraction (MAUD) [13] , which is based on a full pattern fitting procedure (Rietveld method) with an accuracy of a few percent.
The deformation behavior of the Al-3% Mg alloy was examined at a high temperature by tensile testing after HPT processing through 5 and 10 turns. A set of miniature tensile specimens was cut from the disks with gauge lengths and widths of 1 mm using electro-discharge machining (EDM). In practice, two separate tensile specimens were machined from off-center positions in each disk as demonstrated in an earlier report [14] , thereby minimizing any effects that may be introduced by the occurrence of microstructural inhomogeneities near the center of each disk. For comparison purposes, a set of similar miniature specimens was also prepared from the as-annealed alloy prior to HPT processing.
All miniature specimens were pulled to failure in tension at a temperature of 673 K using an Instron testing machine equipped with specially designed specimen holders operating at a constant rate of crosshead displacement and with initial stain rates in the range M A N U S C R I P T A C C E P T E D ACCEPTED MANUSCRIPT 4 from 1.0 × 10 −4 to 1.0 × 10 -2 s −1 . Although there were minor differences in the specimen thicknesses after HPT, measurements of the cross-sectional areas of the gauge lengths were recorded prior to mechanical testing to provide accurate values for the flow stresses.
Experimental results

Vickers microhardness variations
The disks of the Al-3% Mg alloy were examined after HPT under 6.0 GPa for up to 10 turns and the Vickers microhardness variations along the disk diameters are shown in Fig.   1 where the lower dashed line denotes the hardness value of Hv ≈ 50 for the as-annealed sample prior to HPT. It should be noted that pure Al and Al alloys are typical materials showing reasonable hardness homogeneity through the height directions of the disks after HPT processing [15] [16] [17] and thus there is no influence of the measurement sections within the disk height on the hardness variations along the disk diameters.
It is apparent that, by comparison with the as-annealed condition, there are high hardness values throughout the disk diameter in the early stage of HPT though 1/4 turn.
Except after 10 turns, most disks showed typical hardness gradations due to strain hardening behavior [18] where the lower hardness at the disk center increases towards the disk edge with increasing equivalent strain in HPT where the strain is given by 3 / 2 h Nr π [3] where N is the number of HPT revolutions and r and h are the radius and thickness of the disk, respectively. Specifically, there is a large difference in hardness between the disk center having Hv ≈ 75 and the disk edge having Hv ≈ 120 after 1/4 turn. With increasing numbers of turns, the hardness values both at the disk centers and edges increase gradually and reach ~100 and ~180 at the center and edge, respectively, after 5 turns. Thereafter, the hardness attained a consistent value of Hv ≈ 180 throughout the disk diameter after 10 turns, thereby demonstrating hardness evolution towards homogeneity over the Al-Mg disk surface after HPT though 10 turns.
The saturated value of hardness in the present Al-3% Mg alloy is consistent with the alloy in the same composition after HPT under 5 GPa [19] but the result is higher than the hardness value of ~130 after ECAP at RT [19, 20] . Recent reports recorded that an Al-1% Mg alloy processed through HPT under 6.0 GPa after >3 turns demonstrated a hardness homogeneity with Hv ≈ 110 [21] and an Al-5% Mg alloy showed a homogeneous distribution of hardness with Hv ≈ 240 after HPT at 6.0 GPa for 10 turns [22] . These results, when considered together with the present hardness experiments, demonstrate that higher Mg contents lead to higher hardness values in homogeneity through HPT and this trend continues up to at least 10% of Mg in the Al matrix after 10 HPT turns [23] .
Microstructural evolution
The microstructural evolution was observed by TEM and representative microstructures are displayed in Fig. 2 for the Al-3% Mg alloy after HPT for, from the left, 1/4, 1, 5 and 10 turns. In each disk, the microstructures were taken at the plane parallel to the disk surface near the center at r ≈ 0 mm shown in Fig. 2 in the upper row and close to the edge at r ≈ 3.5 mm shown in the lower row. All of the micrographs displayed in Fig. 2 were taken using a consistent magnification to provide a direct comparison of the evolution of the local microstructures after HPT processing through increasing HPT revolutions.
After HPT for 1/4 turn, there is a random non-cellular microstructure with many dislocations within coarse grains at the disk center whereas there are defined boundaries forming insufficiently equiaxed grains at the disk edge. Through one HPT turn, the central region appears to have a cellular structure whereas the boundaries are obscure and this contrasts with the ultrafine microstructure with well-defined grain boundaries at the disk edge.
The occurrence of diffuse grain boundaries is well established in SPD processing and it is due to the introduction of non-equilibrium grain boundaries having an excess of extrinsic dislocations [24] . After additional revolutions to five turns, there remains many dislocations
forming thick boundary widths of grain boundaries for equiaxed small grains at r ≈ 0 mm whereas the microstructure at the edge region is very similar to the microstructure after one turn. By contrast, the grain boundaries are well-defined and reasonably equiaxed ultrafine grains were observed at the central region after 10 turns and the ultrafine microstructure at the edge remained essentially the same as the microstructure after 5 turns. The microstructure at the center after 10 turns was now similar to the microstructure at the edge of the disk.
The detailed mean spatial grain sizes determined directly from the TEM micrographs are shown in Table 1 for the centers and edges of the disks after HPT for 1/4, 1, 5 and 10 turns. In addition, the grain size distributions at the disk edges were evaluated with increasing equivalent strain and the result is shown in Fig. 3 . It is apparent in Table 1 that the microstructure at the edge region is finer than the central region in each processing revolution due to the higher torsional straining during HPT. Nevertheless, in both regions significant changes in grain size occur in the early stage of HPT up to 1 turn and there are further gradual changes in the central regions to reach a grain size of ~190 nm through 10 turns whereas there are only minor changes in the edge regions through 1 to 10 turns leading to a final grain size of ~180 nm.
The trend of saturation in grain size at the edge after 1 turn through HPT is also visible in Fig. 3 where the edge region at r ≈ 3.5-4.0 mm receives an equivalent strain of ~17 after 1 turn. Ultimately, as shown in Fig. 2 , there are very similar microstructures both at the center and the edge of the disk after 10 turns and thus these observations confirm that there is a significant level of microstructural evolution towards homogeneity with increasing numbers of turns up to 10. The microstructural homogeneity after 10 turns is in direct correlation with the hardness homogeneity in the same alloy after HPT as shown in Fig. 1 . From an initial grain size of ~830 µm, processing through HPT produced significant grain refinement to
minimum grain sizes of ~180-190 nm in the Al-3% Mg alloy. This refinement in grain size is consistent with numerous other reports of the grains sizes produced in various Al-Mg alloys after processing by HPT at RT [19, [21] [22] [23] [25] [26] [27] [28] [29] [30] [31] as documented in Table 2 . In order to quantitatively evaluate the texture change in the Al-3% Mg alloy with increasing numbers of HPT turns, the XRD profiles in Fig. 4 were further analyzed in terms of the normalized peak intensity, K i , where i denotes an arbitrarily selected crystal plane for the diffraction maxima. First, the relative peak intensity, J i , for the (111) plane was calculated by comparison with the (200) plane using the following definition: 
Texture and crystallographic variations
where I hkl is the X-ray peak intensity of the (hkl) plane shown in Accordingly, the normalized peak intensity for the (111) plane, K 111 , is defined in the following form:
Thus, a K value of 1.0 implies a consistency in the X-ray intensities observed between the experiments and a random orientation of an f.c.c. crystal lattice in terms of the selected slip plane.
Although these calculations involve only the two major orientations for Al of an f.c.c.
crystal, the analysis specifically emphasizes the relative texture change at the peripheral regions of the disks with increasing HPT turns. Thus, the K i values were estimated for the two major planes of (111) and (200) and the results are summarized in Fig. 5 for the samples examined through XRD as documented in Fig. 4 where the sample subjected only to compression is designated by N = 0. This approach was demonstrated in an earlier report considering texture evolution in an AZ31 magnesium alloy under different testing histories [32] and recently it was applied to a ZK60 magnesium alloy processed through HPT [12] .
For the compression stage, it is apparent from (111) and (200) planes for an Al-5.9% Mg-0.3% Sc alloy after HPT for 1, 5 and 10 turns [31] .
The XRD patterns taken at the peripheral regions of the disks were examined using the MAUD software. The results are shown in Fig. 6 for the measured change in the lattice parameter of Al with the numbers of turns and in Fig. 7 for the evolution of the dislocation density and the area-weighted mean crystallite size, <x> area , at the peripheral regions of the disks with increasing numbers of HPT revolutions and therefore with equivalent strain. It should be noted that this approach is especially useful for describing the indistinguishable microstructural evolution shown in the XRD profiles.
The variation in the lattice parameter with increasing HPT turns is shown in Fig. 6 where N = 0 corresponds to the sample under compression without torsion straining and the lattice parameter of 4.06827 Å denoted by a broken line is for the Al-3% Mg alloy after annealing but prior to compression and HPT processing. It is apparent that all lattice parameters measured for the processed samples shows are lower than for the as-annealed sample. Nevertheless, compression without torsion produces the smallest lattice parameter in the alloy and thereafter the parameter increases significantly through 1 turn, reaches a maximum after 5 turns and then remains constant up to 10 turns. The saturation in the lattice parameter of the Al-3% Mg alloy after 5 turns is in reasonable agreement with estimated values from pure Al and Al-5% Mg and Al-10% Mg alloys after HPT for an equivalent strain of 300 where it was shown that the saturation lattice parameter became wider with increasing Mg content in the aluminum matrix [33] .
The dislocation density, ρ, was determined using the following relationship developed originally for powder materials using the dislocation densities calculated from the particle size, ρ p , and from strain broadening, ρ s [34] :
where D m is the dimension of a refined block separated by dislocations lying on the boundaries within a well-worked metal, n is the number of dislocations per block face and takes 1 for very severely deformed metals including randomly distributed dislocations, k is a constant which takes a value of ~24 [34] , F is an interaction factor taken as ~1 by assuming one dislocation coincides with the edge of each block, ξ is the microstrain obtained through MAUD, and b is the Burgers vector where b = 2.86 × 10 -10 m for pure Al [35] .
The evolution of the dislocation density and the mean crystallite size is shown in Fig.   7 where the compression sample is designated by N = 0 and the sample in the as-annealed condition prior to HPT processing gave ρ ≈ 1.13 × 10 13 m -2 and <x> area ≈ 355 nm. It is readily apparent from Fig. 7 that the dislocation density increased by about one order of magnitude after compression without torsion by comparison with the as-annealed condition, it then increased continuously towards >3.7 × 10 14 m -2 up to HPT for 1 turn and thereafter remained reasonably constant up to 10 HPT turns. The measured saturation dislocation density after 1 turn is in good agreement with a recent report for an Al-1% Mg alloy after HPT through 10 turns [21] . As described in an earlier report [36] , the mean crystallite size determined by XRD analysis is generally smaller than the grain sizes measured using TEM micrographs as shown in Fig. 2 . In practice, the measured crystallite size was reduced from ~355 nm in the as-annealed condition to ~110 nm by compression prior to torsion and this value remained reasonably constant though HPT up to 10 turns. This trend is also consistent with earlier reports for an Al-1% Mg alloy after HPT through 1 to 10 turns [21] and an Al-3% Mg alloy after ECAP for a true strain of >1 [36] . Table 1 . For comparison purposes, the miniature tensile specimens of the as-annealed alloy prior to compression and HPT were tested under the same conditions. A series of tests was conducted and a representative example of engineering stressstrain curves is shown in Fig. 8 for an initial strain rate of 1.0 × 10 -3 s -1 and at a temperature of 673 K. For direct comparison, the as-annealed Al-Mg alloy without HPT was machined into the same miniature specimens and tested under the same conditions. It is apparent that the samples after HPT for 5 and 10 turns showed very similar creep flow with uniform deformation leading to higher ductility in contrast to the as-annealed sample showing higher engineering stress and lower ductility under the high temperature of testing. Fig. 9 shows plots of the measured elongations to failure (upper) and measured flow stresses (lower) versus strain rate for the alloy in the annealed condition and after HPT for 5 and 10 turns; for the lower plot, the 0.2% offset yield stress was taken as the flow stress for each sample. It is apparent from Fig. 9 that the elongations increase with decreasing strain rate for all samples but the alloy consistently exhibits the highest elongations at all strain rates after 5 turns whereas the lowest elongations are recorded in the as-annealed condition.
A highest elongation of ~430% was recorded in the alloy at the lowest strain rate after 5 turns whereas the elongations were close to ~400% and ~320% after 10 turns and in the asannealed condition, respectively. The lower elongations in the disk for the 10 HPT turns are due to the occurrence of faster grain growth at the high testing temperature where the faster grain growth is attributed to the presence of higher fractions of high-angle grain boundaries with increasing numbers of HPT turns [37] [38] [39] whereas no significant change in grain size was observed in the Al-Mg alloys after 5 turns as shown in Figs 2 and 3 and Table 1 .
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The lower plot in Fig. 9 shows there is no significant difference in the values of stress for the alloy before and after HPT for 5 and 10 turns and the measured strain rate sensitivity, m, is ~0.35 over the present range of strain rate. Since conventional superplasticity requires elongations of at least 400% [40] , it appears that the Al-3% Mg alloy processed by HPT for 5 turns is essentially at the limiting condition for superplastic flow at the slowest strain rate of 1.0 × 10 -4 s -1 . Furthermore, inspection showed there was reasonably uniform deformation within the gauge length under these testing conditions and this is consistent with superplastic flow which requires neck-free deformation within the gauge length [41] .
Nevertheless, the alloy failed to achieve good superplastic properties in these tests and microstructural inspection showed this was due to the occurrence of dynamic grain growth at the testing temperature of 673 K. Thus, annealing samples for 1 hour at 673 K led to spatial grain sizes of ~50 and ~55 µm after HPT processing through 5 and 10 turns, respectively, where the larger grain growth after 10 turns accounts for the lower elongations recorded in these samples in Fig. 9 . Furthermore, annealing for 1 hour at 673 K gave a Vickers microhardness of Hv ≈ 50 after 10 turns of HPT processing where this hardness is similar to the initial hardness prior to HPT. These grain sizes and hardness values are consistent with earlier reports for an Al-3% Mg alloy processed either by ECAP to a strain of ~4 [19, 20] or by HPT to a logarithmic strain of ~7 [19] and with subsequent static annealing at 673 K for 1 hour.
Discussion
High temperature mechanical properties
In the tensile testing conducted in this investigation, the highest elongation of ~430% was obtained for the Al-3% Mg alloy after HPT for 5 turns and testing at 673 K at 1. is consistent with earlier studies of the microstructural stability of the Al-3% Mg alloy where it was shown that a temperature of ~500 K was the upper limiting temperature for testing this alloy in order to make use of the UFG microstructure [42] . Furthermore, the strain rate sensitivity of m ≈ 0.35 in Fig. 9 is not consistent either with the occurrence of grain boundary sliding in superplasticity [43] or with the predictions for conventional superplastic flow where m ≈ 0.5 [9, 44] .
In order to identify the appropriate deformation regime of the alloy under the tensile testing conditions which generally cover intermediate to high stress regimes in creep, a logarithmic plot of strain rate versus stress is generally constructed for measuring a stress exponent, n, where the plot is the reciprocal of the lower plot in Fig. 8 . Thus, from the slope of the line exhibiting m in Fig. 9 , a stress exponent of n ≈ 3.0 is calculated for all datum points of the Al-Mg alloy after HPT. This value is in excellent agreement with numerous earlier reports for coarse-grained Al-Mg alloys deforming by viscous glide where the ratecontrolling process is the dragging of solute atom atmosphere by the moving dislocations: for example, this behavior was reported for aluminum-based solid solution alloys tested at temperatures of 573-673 K under intermediate to high stress conditions of ~10 to <10 2 MPa [45] [46] [47] [48] [49] [50] [51] [52] .
It is important to note that the testing conditions used in this investigation are significantly lower than the normal power-law breakdown which occurs at high stresses at a normalized strain rate of
where D is the appropriate diffusion coefficient for pure metals and dilute solutions [53] . In practice, there are two diffusion coefficients available for the dilute Al-Mg alloy: D for diffusivity of Mg atoms in the Al matrix given by It is worth noting that, although the Al-3% Mg alloy in the present study failed to demonstrate true superplasticity at 673 K due to grain growth, Al-Mg alloys have a significant potential for achieving excellent superplastic ductilities especially when additions such as Sc and/or Zr are introduced to maintain an ultrafine-grained microstructure. For example, Al-3% Mg alloys with additions of Sc [55] [56] [57] [58] [59] [60] [61] [62] [63] [64] [65] and both Sc and Zr [64, 66, 67] demonstrated excellent superplastic elongations of up to >2000% at temperatures in the range of 573-723 K using strain rates of ~10 -4 -1.0 s -1 after processing though ECAP for 6-8 passes.
Superplastic ductilities of up to ~1600% were also achieved in similar alloys with Sc additions after processing by HPT [27, 68, 69] . Comprehensive reviews have tabulated large numbers of results describing superplasticity in metals after SPD processing including various Al alloys processed by ECAP [70] and HPT [9] and a recent review provides additional experimental data and describes the importance of microstructural homogeneity in UFG metals for achieving superplastic properties [71] .
An analysis of strengthening mechanisms
Processing though HPT demonstrates the advent of significant grain refinement from ~830 µm to ~180 nm in the Al-3% Mg alloy after HPT through 10 turns as shown in Fig. 2 and Table 1 . The refined microstructure exhibits improved hardness tending towards homogeneity after 10 turns with a measured hardness across the disk of Hv ≈ 180 as shown in (1) and (5) was demonstrated in an earlier report using Al-3% Mg and Al-5.5% Mg-2.2% Li-0.12% Zr alloys after processing by ECAP [20] .
Applying the relationship in eq (5), the Vickers microhardness values in Fig. 1 were re-plotted as a function of d -1/2 for the Al-3% Mg alloy in an as-annealed condition without HPT, after HPT for 1/4, 1, 5 and 10 turns at the edge and center positions and after HPT followed by static annealing at 673 K for 1 h. The plot is shown in Fig. 10 where additional datum points are also included for a similar Al-3% Mg alloy processed either by ECAP [20] or HPT [19] .
This analysis confirms that there is a conventional linear relationship between hardness and d -1/2 for all sample conditions in the present Al-3% Mg alloy from coarse grain sizes in the initial condition and after annealing to ultrafine grain sizes after HPT. In practice, all of the experimental points lie close to a single line given by eq (5) [19, 20] . However, the earlier results demonstrated a possible decrease in slope at grain sizes in the range of ~0.09-0.15 µm after processing by HPT where there was a decrease to K H ≈ 10.0 Hv µm -1/2 [19] . As shown in recent investigations of dilute Al-Mg alloys processed by HPT [22, 25] , the present Al-Mg alloy exhibits excellent Hall-Petch strengthening through grain reduction. finding of an intermetallic phase was reported after HPT using high-resolution TEM on Al-5% Mg and Al-10% Mg alloys but these studies also failed to detect the existence of the intermetallic phase using XRD analysis [23, 33] .
The change in the lattice parameter of Al as shown in Fig. 6 at the peripheral regions of the disks provides an indirect estimate of the Mg solubility in the Al solid solution [72] .
The results are summarized in the upper row of Table 3 where the initial as-annealed condition prior to HPT showed an Mg concentration of ~4.3 ± 0.3 at.% in the Al solid solution. It should be noted that the actual Mg concentration in the Al solid solution tends to be higher than the nominal composition of Al-Mg alloy [29] . Thus, the reduction of the Mg concentration by compression and in the very early stages of HPT leads to a deformationinduced segregation or precipitation of an Mg-rich phase at the grain boundaries which is reasonably consistent with results from an Al-Mg alloy containing a high Mg content of >5.5
at.% after HPT [4, 29] . The Mg decomposition from the solid solution causes softening of the Al-Mg alloy after HPT by comparison with the coarse-grained alloy [23] . However, the Mg content increases with increasing numbers of turns in the dilute Al-Mg alloy used in these experiments so that there is dissolution of Mg atoms in the solid solution which gives a solution strengthening in addition to the Hall-Petch strengthening.
As demonstrated earlier in a diffusion-bonded Al-Mg system processed by HPT using separate Al and Mg disks [73] , the observed high hardness in the Al-3% Mg alloy is a consequence of strengthening by grain refinement together with solid solution strengthening and precipitation hardening [74] . The value of the hardness increase by solid solution hardening may be expressed in the form
where H os is a constant taking values in the range of ~13.8-15.5 for Al-Mg alloys [75, 76] by applying the general relationship between hardness and yield strength in MPa so that Hv = M A N U S C R I P T
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17 σ y /3 [77] . By applying the estimated Mg concentrations listed in the upper row of Table 3 , the calculated results are shown in the two lower rows where the second row gives the hardness change by solid solution strengthening and the third row gives the contribution of solid solution strengthening to the total hardness at the edge regions as shown in Fig. 1 for samples after compression and after HPT through 1/4-10 turns. These calculations demonstrate that the improved hardness by solid solution strengthening is higher with increasing numbers of HPT revolutions. Nevertheless, the contribution of solid solution strengthening to the total hardness remains reasonably consistent at ~7-8% for all samples processed by HPT.
For precipitation hardening, it is difficult to estimate the significance from the present experimental results since, by assuming a homogeneous distribution of precipitates, any calculation requires information on the volume and size of the precipitates in the matrix [78] .
However, an Mg-rich phase was not observed in these samples in any condition using either TEM or XRD thereby inferring there is an insignificant contribution from precipitation hardening in the Al-3% Mg alloy after HPT. Thus, the combination of solid solution strengthening and precipitation hardening is expected to account for <10% of the total hardness of the Al-3% Mg alloy and accordingly it is concluded that the Hall-Petch relationship provides a good and accurate description of the hardening of the Al-3% Mg alloy at very fine grain sizes. Thus, the Hall-Petch plot shown in Fig. 10 provides an excellent description of the increase in hardness by grain refinement in dilute Al-Mg alloys.
Summary and conclusions
1. An Al-3% Mg alloy was processed though HPT at room temperature under a pressure of Figure 4 The XRD patterns over a limited 2 theta angular range for, from the top, compression under 6.0 GPa for 1 min without torsional straining and after HPT for 1/4, 1/2, 1, 5 and 10 turns. Figure 8 Engineering stress-strain curves for the Al-3% Mg alloy in an annealed condition and after HPT processing through 5 and 10 turns after testing at a strain rate of 1.0 × 10 -3 s -1 and at a temperature of 673 K. Figure 9 Plots of elongation to failure (upper) and flow stress (lower) versus strain rate for the Al-3% Mg alloy in an annealed condition and after HPT processing through 5 and 10 turns after testing over a range of strain rates at a temperature of 673 K. Figure 10 Plot of Vickers microhardness as a function of d -1/2 for the Al-3% Mg alloy in an initial state without HPT, after HPT for 1/4, 1, 5 and 10 turns at the center and edge positions and after HPT followed by static annealing at 673 K for 1h: for comparison purposes, additional datum points are included for a similar Al-3% Mg alloy processed by ECAP [20] or HPT [19] .
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